Lithium thiophosphate-based materials are attractive as solid electrolytes in all-solidstate lithium batteries because glass or glass-ceramic structures of these materials are associated with very high conductivity. In this work, we modeled lithium thiophosphates with amorphous structures and investigated Li + mobilities by using molecular dynamics calculations based on density functional theory (DFT-MD). The structures of xLi 2 S-(100 − x)P 2 S 5 (x = 67, 70, 75, and 80) were created by randomly identifying appropriate compositions of Li + , PS The implication is that these amorphous structures are metastable. There was good agreement between calculated and experimental structure factors determined from X-ray scattering. The differences between the structure factors of amorphous structures were small, except for the first sharp diffraction peak, which was affected by the environment between Li and S atoms. Li + diffusion coefficients obtained from DFT-MD calculations at various temperatures for picosecond simulation times were on the order of 10 −3 -10 −5 Å 2 /ps. Ionic conductivities evaluated by the Nernst-Einstein relationship at 298.15 K were on the order of 10 −5 S/cm. The ionic conductivity of the amorphous structure with x = 75 was the highest among the amorphous structures because there was a balance between the number density and diffusibility of Li + . The simulations also suggested that isolated S atoms suppress Li + migration.
INTRODUCTION
The possibility of producing all-solid-state lithium-ion batteries (LIBs) has attracted much attention because the replacement of an organic liquid electrolyte with an inorganic solid electrolyte (SE) would simplify battery design, increase energy density, and make batteries safer and more durable. Realization of such batteries is critical for practical applications such as electric vehicles and plugin hybrid electric vehicles. A major obstacle to the development of all-solid-state LIBs is that the ionic conductivity of SEs at room temperature (RT) is too low to achieve high-rate charging and discharging. In recent years, inorganic ceramics with high ionic conductivity have been widely studied (Knauth, 2009; Fergus, 2010; Takada, 2013; Ren et al., 2015) . Sulfide SEs with the same level of conductivity as conventional liquid electrolytes have been discovered. For example, crystalline thiophosphate with thio-LIthium Super Ionic CONductor (thio-LISICON) have high ionic conductivity. The ionic conductivity of a Li 10 GeP 2 S 12 crystal, in particular, is 1.2 × 10 −2 S/cm (Kamaya et al., 2011) . Argyrodite-type crystals with the stoichiometry Li 6 PS 5 X (X = Cl, Br, or I) also have high ionic conductivity (>10 −3 S/cm) (Deiseroth et al., 2008; Rao and Adams, 2011; Boulineau et al., 2012) . In addition, the conductivities of some glasses, including 30Li 2 S-26B 2 S 3 -44LiI (Wada et al., 1983) , 50Li 2 S-17P 2 S 5 -33LiBH 4 (Yamauchi et al., 2013) , and 63Li 2 S-36SiS 2 -1Li 3 PO 4 (Aotani et al., 1994) , have been reported to be as high as 1.5-1.7 × 10 −3 S/cm. The focus of this study was on the binary Li 2 S-P 2 S 5 system. An additional advantage of the Li 2 S-P 2 S 5 system is that no metallic elements, such as Ge and Si, are needed. The electrochemical stability of an electrolyte with no metallic element might be relatively high because metals might easily be reduced or oxidized during electrochemical reactions. Sulfide SEs are classified into three categories based on their structural characteristics: crystalline, amorphous (glass), and partially crystalline (glass-ceramic), all of which are known to be fast ionic conductors. Among the crystalline SEs, metastable Li 7 P 3 S 11 (Yamane et al., 2007; Minami et al., 2010) and nanoporous β-Li 3 PS 4 (Liu et al., 2013) have high conductivities, 3 × 10 −3 and 1.6 × 10 −4 S/cm, respectively. Much research has been conducted since the first report that the glass and glass-ceramic phases are fast ionic conductors (Zhang and Kennedy, 1990) . At present, the maximum conductivity occurs at 70-80 mol% Li 2 S (i.e., 30-20 mol% P 2 S 5 ), depending on the conditions during preparation (Minami et al., 2006; Mizuno et al., 2006) . In general, it is difficult to prepare sulfide glasses with higher Li concentrations because crystallization occurs easily during the cooling process. The glasses are therefore prepared by mechanical milling technique or by twin-roller rapid-quenching technique. Glass ceramics are prepared by heating mechanically milled glass to a moderately high temperature. Crystals are prepared using solid-state reactions or with the same approach used to prepare glass ceramics. Crystallization of glasses usually results in a lowering of conductivities because the conductivities of the crystals that precipitate out are low. However, the ionic conductivity of Li 2 S-P 2 S 5 glass ceramics is enhanced by the precipitation of metastable phases with high conductivities. These metastable phases are analogous to crystalline Li 7 P 3 S 11 and Li 3 PS 4 . However, the role of metastable crystalline phases in glass ceramics is still unclear. In order to understand the mechanism responsible for the high conductivities of the binary Li 2 S-P 2 S 5 system experimentally, several groups have studied the Li + diffusion profiles using 6/7 Li solid-state nuclear magnetic resonance spectroscopy (NMR) measurements (Graf et al., 2013; Hayamizu and Aihara, 2013; Hayamizu et al., 2014; Murakami et al., 2015) . NMR is a powerful tool and provides many findings such as the rate of ionic motion. However, because the obtained signals are limited to the space-averaged information, it is difficult to clarify the origin of the Li + diffusion only by the NMR study. Since computational studies facilitate analysis of the Li diffusion process at the atomic scale, several researches based on the density functional theory (DFT) calculation have recently been reported. Holzwarth and co-workers have performed the DFT calculations on several crystal structures of the Li 2 S-P 2 S 5 system, including Li 7 P 3 S 11 and γ-and β-Li 3 PS 4 . They used the nudged elastic band method to estimate the activation energy for Li + migration in the crystal and obtained results in good agreement with experiments (Holzwarth et al., 2011; Lepley and Holzwarth, 2012; Lepley et al., 2013) . Holzwarth and co-workers suggested that the process of vacancy-interstitial pair formation contributes to superionic conductivities. Yang and Tse (2015) used DFT-based molecular dynamics (DFT-MD) calculations to investigate the mechanisms of Li + transport in both the nanoporous and the crystalline phases of β-Li 3 PS 4 . One of the advantages of DFT-MD studies is that Li + diffusivity can be simulated directly without use of a parametric force field. Mori et al. (2013) used the reverse Monte Carlo method with X-ray and neutron diffraction data to model the structures of Li 2 S-P 2 S 5 glasses as well as Li 7 P 3 S 11 crystals. Mori et al. used bond valence sum (BVS) analysis Swenson, 2004, 2005; Hall et al., 2004) to analyze Li + migration pathways. Mori et al. classified the pathways to the Li + stable and metastable regions and found that the size of latter region was an indicator of Li + diffusivity. However, they also stated that the quantitative relationship between the BVS results and the activation energy of ion migration still remained to be ascertained. Because static analysis is limited in terms of quantification, dynamical considerations must be taken into account to understand the high conductivities of glass SEs.
In the present work, we used DFT-MD calculations to investigate both the structure and the ionic conductivity of the binary Li 2 S-P 2 S 5 glass. The glass structures were modeled in an ab initio fashion, that is, without adjustments to take into account experimental information. To investigate ionic conductivity, we adopted an approach similar to that of the DFT-MD study of Yang and Tse (2015) . Section "Computational Methods" briefly describes the simulation frameworks. Section "Results and Discussion" presents the simulated structures of the SEs and then compares the corresponding mass density and experimental diffraction data. The dynamical properties, such as the diffusion coefficients and ionic conductivities, are then presented. The relationship between the compositions of glasses and the dynamical properties are also discussed. Section "Conclusion" consists of a summary and some conclusions.
COMPUTATIONAL METHODS
In this work, the amorphous phases of lithium sulfide with compositions of xLi 2 S-(100 − x)P 2 S 5 , where x = 67, 70, 75, or 80, were studied. In order to obtain a realistic model of amorphous structures, we used a melt-and-quench MD method, which is the common computational method for disordered materials (Massobrio et al., 2015) . In the melt-and-quench technique, the choice of an initial coordinate is categorized into two types: a structure of the known crystal and a fully random coordinate of component atoms. We could not use the former because crystal structures with the same composition of the amorphous structure with x = 67 and 80 are unknown. Whereas the latter is applicable to any compound, a major issue is that the generated structures are far from the reasonable structures. Specifically, covalent bonding between P and S are missing. Indeed, in our preliminary examination, the convergences of the wavefunction optimization, which is the first part of DFT-MD simulations, were slow and sometimes failed. To circumvent this issue, the ionic units, such as Li + , tetrahedral PS 3− 4 , di-tetrahedral P 2 S 4− 7 , and S 2− , are located randomly. In order to pack bulky units in a cell efficiently, we used the Amorphous Cell module in the BIOVIA Materials Studio program (by Dassault Systèmes, BIOVIA Corp.). During the model construction, close contacts between atoms were minimized while ensuring realistic distributions (Allen and Tildesley, 1989 ) using the COMPASS II force field (Sun, 1998 , and one S 2− . For each amorphous structure, ∼130 atoms were placed in a cubic box. The initial volume sizes were defined by setting the volumetric mass density to 2 g/cm 3 , which corresponds to the experimental density for Li 3 PS 4 and Li 7 P 3 S 11 crystals.
Starting from the initial coordinates, the amorphous structures were annealing by the melt-and-quench procedure in a framework of DFT-MD simulations. All the systems were heated to 1000 K and then cooled to 667, 500, 400, and 300 K in a stepwise manner. The structures were kept at each temperature for ca. 2.8 ps before going to the next temperature. The cooling rate was ca. 48 K/ps, which is a typical value of the DFT-MD study (Massobrio et al., 2015) . In all case, variable-cell, Car-Parrinello dynamics (Car and Parrinello, 1985; Laasonen et al., 1993; Bernasconi et al., 1995) were performed by using the CP module in the Quantum ESPRESSO program package (Giannozzi et al., 2009) . A fictitious electronic mass of 400 a.u. and a time step of 6 a.u. (ca. 0.14 fs) were applied. The electronic and ionic motions were propagated by a standard Verlet algorithm (Verlet, 1967) . Cell dynamics were simulated by use of a damped Parrinello-Rahman method (Parrinello and Rahman, 1981) . The ionic and cell temperatures were controlled by a Nosé thermostat (Nosé, 1984; Hoover, 1985; Martyna et al., 1992) . Periodic boundary conditions were applied, and only the axis length was allowed to change (i.e., the angles were kept constant). DFT calculations were performed using the Perdew-Burke-Ernzerhof exchange-correlation functional for solids (PBEsol) (Perdew et al., 2008) with Vanderbilt-type ultrasoft pseudopotentials (Vanderbilt, 1990 ). The energy cutoff of the plane wave basis set was set to 30 Ry (408 eV). Only one k-point of 1 × 1 × 1 was sampled.
After equilibration, DFT-MD calculations at each temperature were accumulated for at least 10 ps for a so-called production step. The computational settings of the DFT and MD components were the same as those described in the previous paragraph. In order to reduce the statistical inaccuracy, at least three simulations of this sequence were performed independently for each amorphous structure. Averaged data were used for the analysis. Furthermore, to validate the duration of equilibration (ca. 2.8 ps) and production (ca. 10 ps) steps, additional 30-40 ps of DFT-MD calculations were performed for some amorphous structures at 500 and 300 K.
RESULTS AND DISCUSSION

Amorphous Structures
Figure 1 shows geometrical snapshots of DFT-MD simulations in the final production steps at 300 K for xLi 2 S-(100 − x)P 2 S 5 amorphous structures with x = 67, 70, 75, and 80. In almost all amorphous structures, unit structures, such as tetrahedral PS 3− 4 , and di-tetrahedral P 2 S 4− 7 , were maintained and were distributed randomly. It is noteworthy that no decomposition or segregation of the units was observed in almost all trajectories, whereas rearrangement of the units, such as 2P 2 S 7 → PS 4 + P 3 S 10 , occurred for only one amorphous structure model with x = 67.
In order to examine the effect of the simulation duration, the energy, the cell volume, and the atomic orientation with respect to the time evolution were investigated. Figure 2A shows the time evolution of the relative stability and the volumetric mass density for amorphous structure with x = 75 at 300 K simulation. The relative stability was defined as the energy difference between the amorphous structure and the crystal with the same composition (γ-Li 3 PS 4 ) and normalized by the molecular weight. The relative stabilities averaged over first 10 ps and total 40 ps were 0.159 and 0.144 kJ/g, respectively. The mass densities averaged over the first and total duration were 1.789 and 1.788 g/cm 3 , respectively. In both cases, the difference was relatively small. We investigated the pair correlation function (PCF) between Li and S and that between S and S belongs to the other PS 3− 4 units. To clarify the duration effect, the PCF averaged over each ca. 10 ps are shown in Figure 2B . There were no significant differences in the sampling period for both PCFs. Therefore, the procedure that consists of equilibration (ca. 2.8 ps) and production (10 ps) steps is enough to discuss the amorphous structures. Figure 3A shows the volumetric mass densities simulated by the DFT-MD at each temperature. As temperature decreased, the densities increased monotonically. Regardless of composition, the difference of the density between high (1000 K) and low (300 K) temperatures was ca. 0.15 g/cm 3 , which corresponds to approximately a 1.5% variation of each lattice length. Thus, our calculation simulated a trend of lattice expansion with increasing temperature, which is considered to be an important factor for Li
The calculated density of the amorphous structures decreased in the order x = 70, 67, 80, and 75, which is not the same as the order of the molecular ratios. Experimental densities for amorphous structures have not been measured, to the best of our knowledge. Thus, Figure 3B provides a comparison of the calculated densities of amorphous structures and the experimental densities of the crystals (Yamane et al., 2007; Onodera et al., 2010; Homma et al., 2011) . In addition, Figure 3B shows comparisons with the density of crystal obtained by geometrical optimization of the usual DFT calculation. Crystals with x = 80, for which the stoichiometric composition is Li 8 P 2 S 9 , are also unknown, to our knowledge. To assess the accuracy of the calculation, we added the known Li 7 PS 6 (corresponding to 87.5Li 2 S-12.5P 2 S 5 ) crystal (Kong et al., 2010) . For the crystals, the calculated densities were in good agreement with the experimental ones. In general, the densities of the amorphous structure were lower than those of the corresponding crystals. This pattern is common in silica and alumina glasses (Benoit et al., 2000) . The pattern with respect to molecular ratios, as mentioned above, is also similar between amorphous and crystalline structures.
To investigate stability of the amorphous structure, we compared the relative stabilities as defined above. The stability for x = 80 was not examined because there is no reference crystal, as mentioned in the previous paragraph. The averaged relative stabilities of amorphous structures with x = 67, 70, and 75 were 0.035, 0.121, and 0.155 kJ/g, respectively. A positive value means that the amorphous structure is less stable than the corresponding crystal. Our analysis thus indicates that the amorphous structures were metastable.
The simulated amorphous structures can be compared directly to experimental results by calculating the static structure factor, S(Q), obtained from X-ray and neutron diffraction studies. Figure 4 shows the X-ray structure factor S X (Q) for each amorphous structure. The neutron diffraction results S N (Q) are shown in Supplementary Material. The calculated results were analyzed for trajectories by a DFT-MD simulation at 300 K using the ISAACS program (Le Roux and Petkov, 2010) . We determined the experimental data based on the previous work of Ohara et al. (2016) . Whereas the calculated results show the fluctuations due to our limited sampling, the agreement between our results and the experimental data is good for large values of Q, and the agreement is still good for small values of Q with respect to the positions of maxima and minima. In both the DFT-MD-simulated and experimental results, the first sharp diffraction peaks (FSDP) were observed at ca. 1.3 1/Å. The appearance of FSDP is a fundamental characteristic of amorphous structures. There was little difference between the structure factors of the amorphous structures, except for the FSDP. Although there was no sharp peak at 1.3 1/Å for the amorphous structure with x = 67, the peak heights of the FSDPs of the amorphous structures with x = 70 and 75 were in good agreement with the experimental ones. This peak is thought to mainly reflect the environment between Li and S, and it was enhanced as the Li concentration increased for x = 67, 70, and 75. However, the amorphous structure with x = 80 resulted in a smaller peak than the other amorphous structures. The implication is that the environment between Li and S is not uniform. The amplitudes of the second peaks (SSDPs) at ca. 2.1 1/Å were smaller than the experimental amplitudes. Further refinement of the spectrum will require a system at least 10 times as large as the system used in the previous study of Mori et al. (2013) .
Diffusion Properties
As is usual in a MD study, we used the production steps of trajectories to investigate the diffusion profile. The diffusion coefficient was calculated from the slope of the average mean square FIGURE 2 | (A) Time evolution of the relative stability, ΔE rel , and the volumetric mass density, ρ, and (B) pair correlation function (PCF), g(r) of Li-S (solid line) and inter-thiophosphate S-S (dotted line) for the 75Li 2 S-25P 2 S 5 amorphous structure at 300 K simulation. The averaged PCF were sampled every 10 ps. displacement (MSD) of Li atoms over time. Before evaluating the diffusion coefficient, we examine the effect of the simulation duration as the previous section. Figure 5 shows the MSD as a function of lag-time among short (ca. 10 ps) and long (ca. 50 ps) duration for the amorphous structure with x = 75 and 80 at 500 K. The plots obtained from short duration coincide with those obtained from the long duration. To assess the individual Li mobilities, the root-MSD (RMSD) were evaluated. Figure 6 shows the relative frequency distributions of RMSD after 10 ps for amorphous structures with x = 75 at 1000, 667, 500, 400, and 300 K temperature, respectively. The time evolutions of RMSD for all Li in one model are shown in Supplemental Material. At 300 K, almost all (99.1%) of Li moved within 2.5 Å. It means most of Li were unable to reach the nearest neighbor Li sites in the amorphous structures. At 400 K, 11.9% of Li moved over 2.5 Å from the initial coordinate after 10 ps. A few (1.6%) Li also migrated over 4.5 Å, which corresponds to the distance to the second nearest neighbor site. More Li migrated at higher temperature (9.5, 36.5, and 85.2% of Li migrated over 4.5 Å at 500, 667, and 1000 K, respectively). Certainly our simulation time was much shorter than typical setting in the classical MD method, but the electronic FIGURE 3 | (A) Temperature dependence of mass densities, ρ, of amorphous structures determined by DFT-MD simulations and (B) comparisons with experimental and calculated crystal mass densities. Crystal calculations were performed with the PW module in the Quantum ESPRESSO package using the same functional and pseudopotential as the CP module. The major difference was the number of k-point meshes. Note that because the Li 4 P 2 S 7 crystal structure is unknown, the known Li 4 P 2 O 7 crystal structure (P1) was used as an initial geometry. This approach is the same one used in a previous computational study (Holzwarth et al., 2011) . The Li 7 PS 6 (corresponding to 87.5Li 2 S-12.5P 2 S 5 ) crystal structure, which has been reported, was added to address the accuracy of the calculation. environment around Li, which was obtained by the DFT method accurately, was important to define the flexibility of Li as discussed later. Thus, we used the sampling over 10-ps duration to analyze the diffusion property for each amorphous structure, although the results for 300 K were removed from the consideration. Figure 7 shows the Arrhenius plot of the calculated diffusion coefficients for the amorphous structures with temperatures from 400 to 1000 K. The relationship for each amorphous structure was linear in this region. Whereas the diffusion coefficients for amorphous structures with x = 67, 70, and 75 were similar, the diffusion coefficient for x = 80 was slightly lower than the others. The implication is that the diffusivity of only the amorphous structure with x = 80 was low. It would be confirmed by the comparison of the distribution of RMSD between amorphous structures with x = 75 and 80 (shown in the inset figure in Figure 6) . This difference will be discussed later. To estimate the ionic conductivity, σ, we used the NernstEinstein relationship:
where N, Z, e, k B , T, and D are the number density of transported species, the charge of the transported species, the elementary charge, the Boltzmann constant, the target temperature, and the diffusion coefficient of the transported species, respectively. The target temperature is set to the RT (298.15 K) to compare the computational results with experimental ones. Because the transported species was the Li + in this study, N is the concentration FIGURE 6 | Relative frequency distribution, F rel , of root mean square displacement (RMSD) after 10 ps for Li. The main figure was the distributions for the 75Li 2 S-25P 2 S 5 amorphous structure at T = 300, 400, 500, 667, and 1000 K, respectively. The inset figure was comparison of 75Li 2 S-25P 2 S 5 (x = 75) and 80Li 2 S-20P 2 S 5 (x = 80) amorphous structures at 500 K distribution. The bin width was 0.5 Å.
of Li atoms in each amorphous structure calculated by using the number of Li atoms in a unit cell and the average simulated volume at 300 K, which is close to the target temperature. For Li + , Z = 1. D is the diffusion coefficient of Li + at the target temperature. Because the diffusion coefficients obtained from 300 K trajectories were less accurate for small movements in our simulations, we used values of D extrapolated from the diffusion coefficients between 1000 and 400 to 298.15 K. σ versus the composition of the amorphous structures are shown in Figure 8 . The fact that the highest calculated ionic conductivity of an amorphous structure corresponded to x = 75 is consistent with experimental results. Whereas the calculated diffusion coefficient of the amorphous structure was lower for x = 75 than for x = 70, the ionic conductivity of the amorphous structure was higher for x = 75 than for x = 70. These results explain why the percentage difference was larger for number densities than for diffusion coefficients. The ionic conductivity of the amorphous structure was lower for x = 67 than for x = 70 and 75 because both the number density and the diffusion coefficient were lower for x = 67. However, the number density of the amorphous structure with x = 80 was the highest, but the calculated ionic conductivity was the lowest. The explanation is that the diffusion coefficient was significantly lower for the x = 80 structure than for the other structures. These results suggest that a relatively high number density of conductive species enhances conductivity, but only up to a certain density. In other words, the balance between the number density and diffusion coefficient is important. It might seem that the agreement between the calculated and experimental conductivity was only semiquantitative. Indeed, we averaged sampling results among only a few independent models for each amorphous structure. We would have to increase the FIGURE 8 | Ionic conductivity σ at room temperature (298.15 K). Calculated results were estimated by using the Nernst-Einstein relationship, an extrapolated diffusion coefficient, and the number density of Li determined by DFT-MD simulations. Experimental data are adapted from Mizuno et al. (2005) . number of samples and/or cell size to achieve higher accuracy, as was apparent in the discussion of structure factors. It is noteworthy that Mo et al. (2012) argued for the limitation of the DFT-MD study due to the statistical uncertainty associated with fitting a curve to the MSD versus time data. Therefore, it seems reasonable to conclude that our simulations correctly determined the order of magnitude of the ionic conductivity and represented the diffusion properties of amorphous structures as a function of their composition.
Let us now turn to the argument that only the diffusivity of the amorphous structure with x = 80 was low. To reveal the environment around Li + , we examined the PCF of Li and S. Figure 9 shows the PCF for the amorphous structure with x = 80 over production steps at 300 K (the results for the other amorphous structures are shown in Supplementary Material). Note that we (Blöchl, 1994; Kresse and Joubert, 1999) at the final snapshot structure in the 300 K simulation.
distinguished the bond type of S atoms, i.e., isolated S atoms for which the formal bond number is zero, and that of S atoms in a PS 4 unit, for which the bond number is one. We denoted the latter as "non-bridged S. " The total PCFs were divided between PCFs involving Li and isolated S and the PCF of Li and non-bridged S. Interestingly, the position of the first peak was slightly different; the statistically stable distances between Li and S atoms of the former and latter were 2.36 and 2.45 Å, respectively. The results mean that isolated S attracts Li atoms more than non-bridged S does.
Further evidence relevant to the Li-S attraction comes from the difference of atomic charges. Table 2 summarizes the average atomic populations based on a Bader charge analysis (Bader, 1990; Tang et al., 2009) . Because bond numbers of S atom are distinguished in a way similar to the method discussed in the previous paragraph to characterize bond types, we have denoted the S atoms for which the bond number is two, namely, the S atoms in the P 2 S 7 unit (i.e., S of -P-S-P-) in our models, as "bridged S. " The atomic charge distributions of Li, 0.88-0.89, were very similar among the amorphous structures ( Table 2) . The deviations were very small. The atomic charge distributions of P atom were also similar among the amorphous structures and fell within the range of 1.24-1.28, but the deviations were an order of magnitude larger for P than for Li atom. The atomic charge distribution of isolated S was −1.70, those of non-bridged S varied from −0.99 to −0.91, and those of bridged S ranged from −0.61 to −0.59. The deviations were relatively modest. It is clear that the bond type defines the charge distributions of S. In the case of the amorphous structure with x = 80, the isolated S had approximately twice the negative charge of the non-bridged S. In other words, an isolated S with a relatively large negative charge may more strongly attract positive Li + electrostatically. This conclusion is consistent with the above discussion of PCF. The implication with respect to diffusibility is that the attraction of Li to isolated S suppresses the migration of Li + , and this suppression accounts for the fact that the amorphous structure with x = 80 has the lowest diffusion coefficient among the amorphous structures.
To briefly summarize these results, the ionic conductivities of amorphous structures based on lithium sulfide depend on both the number density and the diffusibility of Li + . A higher number density enhances conductivity. However, when the ratio of S to P atom is above the stoichiometric ratio (S/P > 4), the residual S atoms interfere with the migration of Li + . Because isolated S is derived from Li 2 S, the conditions under which the amorphous structure is synthesized are quite important. What is needed is an environment in which all the S atoms from Li 2 S react. Such an environment is characterized not only by the most appropriate relative amounts of Li 2 S and P 2 S 5 but also by the process conditions, such as the mechanical milling techniques.
Although our modeling involves several assumptions and limitations, including ideal compositions, a single phase of amorphous structures, model size, and sampling steps, the DFT-MD simulations provided important insights that were based on accurate descriptions of the electronic states and atomic interactions.
CONCLUSION
In this study, we used DFT-MD calculations to investigate the structural and dynamical properties of glass sulfide SEs. We initiated the study by modeling the glass structures in ab initio fashion. The structures of xLi 2 S-(100 − x)P 2 S 5 (x = 67, 70, 75, and 80) were created by randomly identifying appropriate compositions of Li + , PS 3− 4 , P 2 S 4− 7 , and S 2− and then annealing them with DFT-MD calculations. Because the calculated mass densities as a function of composition corresponded to the mass densities of crystals and because the calculated structure factors were also in good agreement with experimental structures, the model seemed appropriate for simulating the characteristics of sulfide glass.
Second, Li + diffusion coefficients were obtained from the DFT-MD calculations at various temperatures for picosecond simulation times. Ionic conductivities evaluated by the Nernst-Einstein relationship at 298.15 K were in the order of 10 −5 S/cm. The ionic conductivity of the amorphous structure with x = 75 was the highest because there was a balance between the number density and the diffusibility of Li + . The simulations also suggested that isolated sulfur suppresses Li + migration. Our computational methodology is clearly applicable to not only sulfide glasses but also to crystalline phases. In other words, although the size of the model was limited, the study established the efficacy of the method for evaluating the properties of various SEs. Further computational studies may lead to better understanding of the so-called lithium superionic conductors.
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